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I - EMERGING ALLOY TRENDS 
Background 

I think that as we examine the emerging trends for high strength 
refractory metal alloys, it is useful to keep some of the background 
in mind. A portion of this development in the United States was 
based on guidelines set up by the Materials Advisory Board Refractory 
Sheet Rolling Panel (1) . Combining those guidelines with observa- 
tions of the current state of the art leads to the following con- 
cepts. (Some of these thoughts are described in more detail in 
reference 2, pages 24 to 33, copy enclosed.) 

Group VIA Metal Alloys 

Molybdenum and tungsten - Alloys have been sought to have the following: 

1. High strength at high temperatures, but the emphasis in early 
developments was on short-time tensile and rupture strengths. 

2. Room temperature ductility in the as-welded condition was . 
not expected for either system and was not achieved. 

3. Molybdenum alloys were expected to have a ductile-brittle 
transition temperature (DBTT) below room temperature in the 
"as-produced” condition -- and this was achieved. 

4. Tungsten alloys of high strength (and high recrystalliza- 
tion temperature) were sought with minimum DBTT, but a DBTT 
below room temperature was not expected. 

5. Tungsten alloys retaining the high melting point of tungsten 
and modest strength but with DBTT below room temperature 
were sought. 

Chromium alloys - The target here has been to identify compositions 
with a significant use-temperature advantage over the superalloys of 
nickel and cobalt base for use in air (or air breathing engines). A 
DBTT below room temperature is desired and, most important , the DBTT 
of the alloy must not be raised appreciably when exposed to air (nitri- 
fication) at the service temperatures or a coating system must be 
found to inhibit nitrification. 


Group VA Metals 

Tantalum and columbium - Alloys in these systems have been sought that 
will: 

1. For sheet and tubing applications: Be of maximum possible 

strength at highest temperatures possible yet highly fabri- 
cable and with DBTT well below room temperature and ductile 
when welded at room temperature. (To provide an advantage 
over molybdenum alloys.) Early developments were for short 
time applications (e.g. , re-entry). For space power sys- 
tems these alloys are needed in tubing form with good creep 
resistance at stress levels of near 5000 psi but for life- 
times of greater than 10,000 hours. 

2. For forging applications: Be of maximum possible strength 

compatible with good workability (into bar and forgings) 
and with a DBTT below room temperature. 

Status 

The summary of these developments, as I saw it, is again in ref- 
erence 2, pages 40 to 50, but I have reproduced and updated some of 
these figures. I have not included all alloys but rather the better 
alloys in each system. (My apologies to those whose outstanding 
alloys are not specifically mentioned.) 

From a comparison of the properties (Figures 1 to 5 inclusive) 
and compositions (Figure 3) of the alloys on these figures the follow- 
ing very generalized comments follow: 

Group VA 

Tantalum and columbium alloys - The strengthening is achieved by the 
addition of a higher-modulus, higher-melting point VIA metal (W or 
Mo) , plus a Group IVA metal (Hf or Zr) as a carbide former, plus 
carbon. The "highly fabricable" weld-ductile alloys (represented 
by Cb-(l) and Ta-T222) are .limited to about 10 weight percent W. The 
higher modulus, higher melting point tantalum alloys have a strength 
temperature advantage over the columbium alloys of similar alloy 
content. 
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The higher-strength forgeable alloys represented by the Cb(2) 
alloys are achieved by further raising the alloy additions, partic- 
ularly W, to the 22 to 28 percent level. 

Group VIA 

Molybdenum and tungsten - The strengthening here is achieved by ad- 
ditions of Group IVA metals plus carbon. High strength molybdenum 
alloys are ductile at room temperature. High strength tungsten 
alloys are not. 

An outstanding oxide didpersion-strengthened tungsten material 
has been synthesized by Sell and King (ref. 3). Although weaker than 
the arc-melted W-Hf-C alloy (containing a dispersed HfC phase) at tem- 
peratures of 3500° F (1925° C) , it may have an advantage at tempera- 
tures near or greater than 4400° F (2425° C) where HfC goes into solu- 
tion. At temperatures near 0.8 of the melting point of tungsten this 
W-Th0 2 alloy is reported to have about four times the strength of un- 
alloyed tungsten and appropriate W-ThO^ alloys may retain useful 
strength to near the melting point of Th0 2 (5500° F or 3025° C) . 
Chromium - Here the highest strength (represented by the Cr-Mo-Ta-C 
alloy) has been achieved by the addition of other refractory metals 
in solid solution plus Group VA (or IVA) metals and carbon or boron. 
(Good strengths have been achieved in the Australian alloys with Ti 
and Si additions and without carbon or boron. )„.In addition additives 
are used that will scavenge oxygen and/or nitrogen,, e.g., Y. These 
highest strength alloys have a DBTT in the TT as-produced' T condition of 
300°-500° F. The major problem with all of these chromium alloys, 
however, is that, although better than unalloyed chromium, they 
absorb nitrogen from air with the resultant increase in DBTT. This 
is illustrated for a Cr- alloy in Figure 6. Unless this problem is 
solved by a coating or by alloying, chromium alloys will not find 
wide useage. (In inert atmospheres, one would use alloys of Cb or 
Ta because of increased fabricability and ductility.) 
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Strength as a Function of Melting Point 
Figures 4 and 5 compare the short-time tensile and stress-rupture 
strengths, respectively, on the basis of homologous temperature ( of 
the base metal) . For further comparison, the strength of a wrought 
superalloy (U700) is shown. These plots indicate that our refractory 
metal alloys are falling far short of our achievements in superalloys. 
This might be expected on two grounds: first, higher strength refrac- 

tory metal alloys may be consolidated, but frequently we are not able 
to fabricate them because of equipment limitations, and second, the 
nickel-base alloys have a f ace-centered-cubic crystal structure, and 
theory would state that we may never achieve the same strengthening 
in body-center^cubic metal systems. 

FABRICATION LIMITATIONS 

Professor Grant on page 15 (last line) has suggested that higher 
strengths may yet be achieved but a boundary condition is ability to 
fabricate (rtiich often is limited by equipment capability). An illus- 
tration of what may be required for processing of very high strength 
alloys is the case of the W-Hf-C alloy shown in Figure 1, This 
alloy has good strength in the worked condition, a high recrystal- 
lization temperature, and its strength is improved by heat treatment. 
The alloy is extruded at 4000° F (2200° C) , swaged to bar stock at 
3500° to 3200° F (1925° to 1760° C) and rolled to sheet at 3200° F 
(1760° C) . Its recrystallization temperature is >4200° F (2315° C) 
(near 4400° F ((2425° C)). The heat treatment involves a solution 
treatment at >4600° F (2535° C) , followed by aging at 2500° F (1370° 

C) . Although unusual temperatures are required in processing, the 
loads on the equipment are not unusual. 
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Figure 1. - Strength of best alloys (lab data). 
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Figure 2. - Strength -density ratio of best alloys (lab data). 
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Figure 3. - Stress rupture strength of best alloys (includes lab 





Figure 4. - Strength as function of homologous temperature. 
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Figure 5. - Stress-rupture strengths as function of 
homologous temperature. 








II - ALLOYING AND THE DUCTILE-BRITTLE TRANSITION TEMPERATURES 


The Group VA and VIA refractory metals have a BCC crystal struc- 
ture and exhibit the characteristic transition from ductile to brittle 
behavior as the testing temperature is lowered. This transition 
temperature for the unalloyed VA metals is well below room tempera- 
ture but, unfortunately , for the unalloyed recrystallized VIA metals 
it is near room temperature (Mo) or well above (Cr and W) . Much of 
the research in refractory metals has been concerned with the under- 
standing and the control of the transition temperature. In general, 
the transition temperature may be lowered 

(a) by an Increase in purity, particularly in regard to inter- 
stitials 

(b) by cold work 

(c) by fine grain size 

(d) by a dispersed phase 

(e) in the case of Group VIA metals, by alloying with Re. 

Unfortunately the transition temperature is raised by 

(a) contamination with interstitials during processing and use 

(b) many alloying additions that improve strength 

(c) increased strain rate. 

(Of major importance has been the role of interstitials. An 
excellent discussion was presented by Hahn, Gilbert and Jaffee 
(ref. 1))) 

In recent years we have understood the importance of the inter- 
stitials, contamination, and processing to the point that alloys 
with good strength and with DBTT well below room temperature have 
been developed for Ta, Cb and Mo. In W and Cr, however, progress 
has not been equally satisfactory. 

Tungsten 

An important research area of the past few years has been to seek 
methods of achieving improvements in tungsten. It has been known for 
several years that single crystals of tungsten are very ductile at 
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room temperature, but the same material converted to polycrystalline: 
form is not, except when severely cold worked. The Linde Division 
of Union Carbide has been successful (ref. 2) in producing single 
crystal tungsten sheet that retains the ductility and single crystal 
form even after rolling and welding. Certainly this is a remarkable 
achievement, but to date it has been limited to laboratory studies 
on small samples. Studies to achieve ultra -high- purity polycrystal- 
line tungsten as a route to ductility at room temperature have not 
been successful. 

Stephens (ref. 3) has studied the effect of oxygen and carbon, 
the usual interstitial impurities, on the DBTT of both single crys- 
tal and polycrystalline tungsten. Additions of either to high 
purity polycrystalline tungsten produced a marked increase in the 
DBTT but a much smaller increase to single crystal tungsten. Addi- 
tion of oxygen to polycrystalline tungsten lowered both the ulti- 
mate tensile strength and the yield strength, but had no measurable 
effect on the strength properties of single crystal specimens. 

Carbon additions to both polycrystalline and single-crystal speci- 
mens did not affect the ultimate tensile strength; however, a large 
increase in the yield strength resulted. The results suggest that 
oxygen embrittlement in tungsten is caused by grain-boundary segre- 
gation, while carbon embrittlement results from an interaction be- 
tween carbon atoms and dislocations within the tungsten lattice. 

Some years ago it was reported by Geach and Hughes (ref. 4) 
that an alloy of tungsten with 25 percent rhenium did have a tran- 
sition temperature well below room temperature. This alloy is ducr ' 
tile in the cold-worked form and may be ductile in the recrystal- 
lized condition if not heated much above the recrystallization 
temperature. Rhenium, however, is more expensive than gold, and 
although the tungsten 25 percent rhenium alloy may be purchased 
commercially, the cost is $600 to $1000/lb. 

It has been found that other approaches are feasible. Pugh 
et al, of the General Electric Co. (ref. 5) showed that doped lamp 
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filament tungsten when alloyed with 3 percent rhenium by the powder- 
metallurgy process would be ductile in either the cold-worked or 
"recrystallized" form but only when drawn into small diameter wire. 
When applied to sheet, the process did not result in ductility. 

Klopp et a 1 (ref. 6) found that an alloy of tungsten with 2-9 per- 
cent rhenium in bar and sheet form prepared by electron-beam melting 
is ductile at room temperature in the cold-worked condition. They 
reported DBTT’s as low as -100° F. This achievement appears depen- 
dent on the high-purity tungsten achieved by the electron-beam- 
melting process because sheet prepared in the same way but arc- 
melted is brittle at room temperature. 

Studies of the mechanism acting in these cold-worked dilute 
W-Re alloys have noted that in <100> oriented single crystals (ref. 

7) , Re additions up to 9 percent increased the proportional limit 
stress, decreased the flow stress and the rate of work hardening, 
and changed, somewhat, the planes of favored deformation. From a 
study of dislocation structures in polycrystalline W-Re alloys, 
Stephens (ref. 8) suggests that the primary effect of low rhenium 
concentrations (2 to 9 percent) in tungsten is to increase disloca- 
tion multiplication after macroyielding by reducing the Peierls- 
Nabarro force (lattice resistance to dislocation motion) . 

Particularly important is the achievement of room temperature 
ductility in alloys of tungsten that have much higher strength and 
recrystallization temperature than unalloyed tungsten. 

Maykuth et al (refs. 9, 10) have prepared, by powder metallurgy, 
an alloy of doped tungsten plus 5 percent rhenium plus 2.2 percent 
of dispersed phase, thoria. Their data suggest that this alloy in 
sheet form may be ductile in both the cold-worked and recrystallized 
condition in tension tests at room temperature but with restricted 
ductility in bend tests. 

It has been indicated that the highest strength tungsten alloys 
contain small amounts of carbide formers and carbon, for example, 

0.5 percent hafnium plus 0.02 percent carbon. Friedman and Dickinson 
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of Sylvania , Corp. have recently found (ref. 11) that an addition of 
3 to 5 percent rhenium in their powder-metallurgy-produced version 
of this alloy will result in room-temperature ductility in the cold- 
worked condition. Although the preliminary data indicate that this 
alloy may be brittle when recrystallized, the alloy has a relatively 
high recrystallization temperature of 3300° F. 

Chromium 

Large additions (65 w/o) of rhenium to chromium lowers the DBTT 
(ref. 12) but the benefits of 2 to 9 percent Re noted in the case of 
tungsten have not been observed for chromium. The importance of 
"tying up" nitrogen and oarb©n by alloying has been demonstrated 
(ref.. .13)B., V; . Solid solution alloying additions to improve 
strength generally raise the DBTT of high purity chromium and amounts 
of these alloying additions that provide a significant advantage over 
superalloys seem to result in a DBTT greater than room temperature. 

Research directed toward improved strength in chromium, compar- 
able to Cr-MTC (see Emerging Trends) , but with a DBTT below room 
temperature should continue. Perhaps more emphasis should be placed 
on strengthening by dispersed particles. 

The desire to use chromium alloys in air, as improvements to 
superalloys, imposes the most important problem with chromium. Ex- 
posure of all known alloys to air at the intended service tempera- 
tures raises the DBTT at a very rapid rate and, with time, the DBTT 
will approach the use temperature. Solutions to this problem through 
alloying or coating are needed. 

Improved Ductility with Dispersions 

It is accepted that properly distributed particles may retain 
strength to higher temperatures. Some evidence can be presented to 
suggest the intriguing possibility that particles, if properly dis- 
tributed, can improve ductility. Rosenfield and Hahryhave conducted 
an analysis of the effect of second-phase particles on ductility and 
present arguments that suggest that under some conditions ductility 
can be improved, and DBTT lowered, by second-phase particles. To 
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experimentally verify their predictions, they have conducted tensile 
tests at 77° K on iron and iron with dispersed Al 2 0g. They showed that 
the iron with dispersed Al 2 0g was ductile whereas the iron without 
Al^Og was brittle. In addition, the iron with Al 2 0g supported almost 
twice the stress. Sell and co-workers in their work on tungsten - 3.8 
V/o Th0 2 alloys report that the DBTT of their material after annealing 
at 2400° C was 190° C and thus was much lower than unalloyed tungsten 
(though still well above room temperature). Earlier, Maykuth and co- 
workers (ref. 9) reported that Th0 2 as well as other oxide additions 
reduced the tensile DBTT of tungsten and when Th0 2 was added to a 
tungsten alloy of 5 percent Re, they found tensile ductility at room 
temperature. Ryan and Johnstone (ref. 13) suggest that similar effects 
may also be achieved by particles in chromium. 

This potential for lowering DBTT while improving high temperature 
strength warrants further study, particularly in tungsten, chromium, 
and recrystallized molybdenum. 
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Ill - STRENGTHENING OF REFRACTORY METALS 


In agreement with the view expressed by Professor Grant, experi- 
mental data on the strengthening of the refractory metals have been 
somewhat limited. A summary paper on the "Mechanisms of Alloy Strength- 
ening in Refractory Metals" was presented by Armstrong, Bechtold and 
Begley in:1962 (ref. 1) and they noted that "the research necessary to 
provide an over-all quantitative theory of the strengthening of refrac- 
tory metal alloys has barely begun." The various investigations re- 
lated to the dispersion hardening of Mo- and Cb-base alloys were reviewed 
by Chang in 1960 (ref. 2). The nature of carbide dispersion in repre- 
sentative Mo-base alloys has been discussed by Chang and Perlmutter who 
investigated the solution and aging reactions in these alloys on the 
basis of hardness, mlcrostructural and phase changes (ref. 3). The 
latter investigation correlated carbide dispersion to the precipitation- 
hardening process in the Mo-TZC alloy (analyzed 1% Ti, 0.1% Zr and 0.14% 
C) which typifies current high-strength Mo-base alloys. As depicted in 
Figure 1, the alloy contained three carbide phases, M 02 C, TiC and ZrC. 

The Mo^C phase alone was stable above about 3750° F (2065° C) and coex- 
isted with ZrC in the temperature range of 3750° to 3500° F (2065° to 
1925° C) . These two carbides In turn coexisted with TiC between 3500° 
and 3000°F (1925° and 1450° C) . Below the latter temperature, TiC be- 
came increasingly more stable and appeared to be the only thermo- 
dynamically stable carbide below approximately 2800° F (1550° C) . The 
hardening reaction was thus based on the extensive TiC precipitation, 
accompanied by simultaneous' dissolution of the pre-existing Mo^C phase. 

In addition to the aging reaction, there was evidence to indicate that 
the 1% Ti may also have played the reversed role of increasing the C 
solubility at high temperatures. 

In reference 4 Chang reported further studies of the Mo-TZC class 
of alloys and the effect of composition variations on properties. He 
noted the following In regard to these alloys: 
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1. The strength of Mo-TZC was greatly increased by high-tempera- 
ture annealing with or without subsequent working. The strength in- 
crease resulted from strain- induced TiC precipitation, either during 
working or upon loading of the as-annealed condition. By virtue of 
this mechanism, it was possible to develop high strength in the an- 
nealed condition, comparable to that of the worked condition. In con- 
trast to annealing, an aging treatment which produced extensive but 
coarse TiC dispersion resulted in inferior strength at elevated tem- 
peratures. When followed by extensive working, however, such an aging 
treatment was found to endow the worked condition with high strength. 

2. Although the low-C, MoIZ alloy was not age-hardenable , the 
strength of this alloy was also enhanced by high-temperature annealing. 
Prior aging, however, always led to low strength due to deficiency in 
carbide dispersion. 

3. In contrast to Mo-TZ and Mo-TZC, the strength properties of 
the Mo-0. 5Ti-0. 035C alloy were relatively insensitive to heat treatment 
as a result of the low Ti/C ratio which restricted both carbide dis- 
solution and its precipitation. 

4. Finally, the present results suggest that the optimization 
of strength properties of complex refractory alloys must be based on 
an understanding of the pertinent solution and aging reactions and 
their dependence on temperature, time and plastic deformation. As a 
general rule, a desirable combination of strength and ductility may be 
achieved by utilizing either a reasonably high primary processing tem- 
perature to maintain an adequate degree of super-saturation, or an ex- 
tensively aged condition to provide a large volume fraction of dis- 
persion. In either case, a reasonably low final processing tempera- 
ture should be used to maximize the interplay of dispersion hardening 
and strain hardening. 

Chang clearly pointed out the importance of the interplay between 
heat treatment and processing (popularly knows as "thermal-mechanical" 
processing) for refractory metals. 
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Additional important studies have been conducted on thermal-mechan- 
ical processing of molybdenum alloys by Perkins and Lytton (ref. 5) . 
Recently, systematic studies of the solid solution and dispersed phase 
strengthening of tungsten have been conducted. Here the carbide strength 
ening of the final alloy system that resulted (W-Hf-C) appears much sim- 
pler than the systems that have been studied in most detail in molybdenum 
namely Mo-TZC or Mo-Cb-TZC. The following discussion is from papers by 
Raffo and Klopp (ref. 6), copy enclosed, and Rubenstein (ref. 7). 

The ultimate tensile strength of their binary tungsten alloys at 
2500° to 3500° F (1370° to 1925° C) is plotted as a function of composi- 
tion in figure 2. At 2500° to 3500° F (1370° to 1925° C) hafnium has 
the greatest strengthening effect in tungsten. Columbium, tantalum, 
and rhenium are progressively less effective. At 2500° (1370° C) , the 
columbium and rhenium points fall on the same curve, and at 3500° F 
(1925° C) , the data for tantalum and columbium also scatter about one 
curve. The tantalum data were not shown at 3500° F (1925° C) for clar- 
ity. Data at 4000° F (2200° C) (not shown) were available only for 
hafnium and rhenium additions and the same order of effectiveness 
prevailed. 

The creep strengths for these binary systems at 3500° F (1925° C) 

are plotted against solute content in Figure 3. The creep strengths are 

—6 

the stresses at a minimum creep rate of 10 per second. The same 
order of effectiveness is apparent in the creep data as was observed 
in the tensile data. 

The tensile data for the binary alloys can also be utilized to 
predict the strength of the ternary alloys. It is a common conclusion 
that the solid-solution-alloying elements contribute the same incre- 
ment of strength to a ternary as they do to a binary alloy (ref. 8) . 

To test this for tungsten alloys, the increments of strengthening from 
the binary alloy data in Figure 2 were calculated for each of the sol- 
utes in the W-Cb-Hf , W-Ta-Hf, W-Ta-Re, and W-Re-Hf ternary alloys. 

These increments were then added to the average strength for unalloyed W 
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at the temperature of interest. Figure 4 compares the calculated and 
experimental strengths for alloys annealed at 3600° F (1985° C) . The 
agreement with the assumption of additive strengthening was good 
especially when considering that no corrections were made for varia- 
tions in grain size or interstitial contents among the alloys. 

In order to understand the mechanisms by which the various 
solutes strengthen, the deformation mechanisms at elevated tempera- 
tures should be considered. Strain hardening in body-centered-cubic 
metals is thought to be related to the formation of jogs on screw 
dislocations by the interaction of dislocations on two intersecting 
slip planes (ref. 9). As the jogs move, they produce vacancies that c 
act as a drag on the motion of the screw dislocations. However, the 
excess number of mechanically produced vacancies may promote climb 
of the edge segments of the dislocation networks. Such processes 
constitute "dynamic recovery" and as such reduce the rate of work 
hardening and consequently the elevated-temperature strength. 

Alloying may increase the strength by decreasing either the jog 
or vacancy mobility. The motion of jogs may be impeded by solute 
atoms segregating to their stress field (ref. 10). Solute atoms and 
vacancies may also be strongly bound to one another (ref. 11) . As a 
consequence, vacancies may tend to exchange places more often with 
solute than solvent atoms, which results in a lower self -diffusion 
rate since the vacancies are bound to the solute atoms and do not aid 
in solvent self-diffusion. 

The strength of the binding between solute atoms and jogs or 
vacancies would be expected to depend on the difference in atom size 
between the solvent and solute (refs. 10 and 11). A quantitative cor- 
relation was attempted by plotting the slopes of the strength-compo- 
sition curves in Figure 2 against the percent difference in atomic 
radius. Figure 5 illustrates this correlation. The log-log plot shown 
does indicate a definite atom size effect and provides support for the 
mechanisms outlined previously, although no estimation of the relative 
importance of solute-jog or solute-vacancy Interactions can be deduced. 
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Strengthening of Carbon and Boron in Tungsten 

Elevated-temperature tensile data were obtained by Raffo and Klopp 
on both the W-C and W-B systems (ref. 12) . Carbon has been shown to 
exist as an interstitial in tungsten (ref. 13) , while it has been pro- 
posed that boron may exist simultaneously as a substitutional and in- 
terstitial (ref. 14) . A comparison of the strength data for both 
systems was made to examine whether or not the difference in the type 
of solid solution formed could have any influence on the elevated- 
temperature strength. 

Figure 6 shows the effect of both carbon and boron on the ulti- 
mate tensile strength of tungsten at 2500° and 3500° F (1370° to 1925° 
C) . Carbon additions up to at least 0.3 atom percent decreased the 
strength, while in contrast, boron produced a rapid initial increase 
in strength followed by a leveling off at higher boron contents. The 
same trends were observed at 3000° and 4000° F (1450° and 2200° C) . 

It was thought that these differences between the W-C and W-B alloys 
reflected the previously mentioned differences in the type of solid 
solution formed. The initial strengthening by boron additions was 
examined previously by these authors and they concluded that the mag- 
nitude of the initial slope of the strength-composition curve fit well 
with the concept of a simultaneous interstitial-substitutional solid 
solution with the balance tending toward substitutional (ref. 12) . 

In contrast, carbon additions apparently weaken by promoting an in* 
crease in the self-diffusion rate of tungsten. This behavior has been 
previously noted for carbon additions to gamma iron (refs. 15 and 16). 
The increase in the self -diffusion rate has been suggested to result 
from the carbon atoms increasing the vacancy mobility due to the lat- 
tice distortions associated with the interstitial solid solution (ref. 
21 ). 

Carbide-Strengthened Alloys 

The increase in strength conferred by carbon additions to W-Hf, 
W-Cb, W-Ta, and W-Ta-Re alloys were also considered (ref. 6). Carbon 
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additions to W-Hf alloys produced the greatest increases in both the 
strength of recrystallized alloys and in the retention of cold work 
at elevated temperatures. 

The relative strengthening effects of carbon on these alloys may 
be compared in the following manner. First, the strength of the alloy 
without the carbon addition was interpolated from the curves in Figure 
2. This value was then subtracted from the strength of the alloy 
under consideration to give an increment in strength due to the carbon 
addition. Figure 7 is a plot of this strengthening increment as a 
function of carbon content for alloys tested at 3500° F (1925° C) . 

The data may be seen to fall into three groups. First, carbon addi- 
tions to unalloyed tungsten result in an initial decrease in strength 
(which was discussed previously) followed by an increase in strength 
and a subsequent leveling off at higher carbon contents. In contrast, 
carbon additions to W-Hf alloys produced a rapid increase in strength, 
while the data for W-Cb, W-Ta, and W-Ta-Re alloys showed a less rapid 
increase. The data for the latter alloys showed a great deal of 
scatter and are represented by a broad band. 

These relative strengthening effects may be correlated qualita- 
tively with the carbide particle size. The finest particle sizes 
were observed in the W-Hf-C alloys. The swaged alloys cqntained some 
large precipitates on the order of 0.1 to 0.2 microns in size and many 
small precipitates about 0.02 micron (200A°) in size. The volume per- 
cent for optimum strength was near 0.5. In contrast, the carbides in 
the other systems were coarse and usually oriented in the swaging direc- 
tion. The fine particles in the W-Hf-C alloys apparently are most ef- 
fective in stabilizing the dislocation substructure formed during 
deformation. This is also evident in the high resistance to recrys- 
tallization exhibited by these alloys. 

The coarse precipitates, however, apparently contribute equally 
well to the strength at 3000° F (1925° C) and lower, as the fine pre- 
cipitates. For example, the strengths of three carbide-strengthened 
alloys are compared in the swaged condition in Figure 8. The strengths 
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at 3000° F (1450° C) for all the alloys are nearly equal while at 
3500° F (1925° C) , the strengths vary from 16,600 to 62,500 psi. 

This reflects largely the stability of the cold-worked structure. 

The first two alloys recrystallized during testing at 3500° F (1925° 

C) , while the W-Hf-C alloy retained its cold-worked structure. 

In creep, the fine particle sizes in the W-Hf-C alloys did not 
appear to produce as high strengths as found in some of the solid- 
solution-strengthened alloys. For example, the creep strength of 
recrystallized HC-3 , W-0.2 atom percent Hf-0.26 atom percent C was 
8000 psi at 3500° F (1925° C) , while alloys HF-3, W-1.7 atom percent 
Hf, and TH-2 , W-1.56 atom percent, Ta-0.40 atom percent Hf had 
strengths of 10,000 and 8300 psi, respectively, in spite of the W-Hf- 
C alloy having a higher tensile strength at this temperature. 

Recently the arc-melted W-Hf-C alloys have been studied in more 
detail by Rubenstein at the NASA Lewis Research Center (ref. 7) . He 
investigated the effects of composition ranges for both Hf and C, 
and the effects of heat treatment and substructure on the strength 
and ductility. The strongest alloys contained equiatomic amounts 
of carbon and hafnium and strengths increased with increasing HfC 
contents up to approximately 0.5 v/o, after which further additions 
caused a slight decrease in strength. The 3500° F (1925° C) tensile 
strength for swaged material was linearly related to the Inverse 
square root of the cell size. 

Limited tensile and microstructural studies indicated that the 
W-Hf-C alloys are heat treatable. The minimum solution temperature 
of ha nium carbide in tungsten Is approximately 4600° F (2535° C) , 
and one hour at 2500° F (1370° C) is an effective aging temperature. 

A tensile specimen heat treated in this manner displayed a tensile 
strength of 69,000 psi at 3500° F (1925° C) compared to approximately 
9000 psi for unalloyed tungsten. The hafnium carbide precipitation- 
strengthened alloys exhibited one hour recrystallization temperatures 
in excess of 4200° F (2300° C) . In the heat-treated alloys It is 
difficult to determine the specific nature of the particle-dislocation 
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interactions but the absence of dislocation cells or networks leads to 
the conclusion that the HfC particles were directly responsible in 
controlling the tensile strength. 

The stress for a 3500° F (1925° C) , 100-hour rupture life was ap- 
proximately 14,000 psi in the swaged condition. A solution annealed 
and aged specimen tested at 3500° F (1925° C) in a step-load creep 
test: required a stress of approximately 20,000 psi for a minimum creep 
rate of 6x10"^ sec”^ (corresponding perhaps to an approximate 100-hour 
rupture life) . 
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STRENGTH PROPERTIES OF Mo-BASE ALLOYS 
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Figure 2 - Effect of alloying on strength of arc-melted tungsten at 2500° 
to 3500' F> 








Figure S - Variation of solid-solution strength- 
ening rate with difference in atom size between 
tungsten and solute. 



Figure 6 - Effects of carbon and boron on ultimate tensile strength of arc-melted tung- 
sten ax 2500° and 3500° F (W-B data from ref. 7). 
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Figure 7 * Change in strength due to carbon addi- 
tions to unalloyed tungsten and several tungsten 
alloy systems at 3500° F. 












IV - GRAIN SIZE AND STRENGTH 
(See page 10 of Prof. Grant's draft) 


Although in superalloys it has been generally accepted that a 
coarse grain size is stronger at high temperatures than a fine grain 
size, this is not necessarily true in refractory metals. It is sug- 
gested that, at least in pure metals and solid solution alloys, 
greater tensile and creep strengths may be associated with finer 
grain sizes. Some illustrative data follow: 

Klopp, Witzke, and Raffo (ref. 1) studied the relation of grain 
size to both short-time tensile and creep strengths of unalloyed 
tungsten. (All of the following is from their paper.) A plot of 
ultimate strength and yield strength for the arc-melted specimens 
and ultimate strength for the EB-melted specimens against average 
grain diameter, presented in Figure 1, shows that the strengths de- 
crease with increasing grain size. The grain-size dependencies, 
which appear to be unaffected by temperature over the range 2500° to 
3500° F, were expressed as 
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where 

0* = ultimate tensile strength (at 0.05 min ^) , psi, 

ef = 0.2 pet offset yield strength (at 0.005 min - '*'), psi, 

A,B = temperature-dependent constants, 

L = average grain diameter, cm. 

Thus, decreasing the grain size from 0.1 cm, typical for carc/-melted 
tungsten annealed above 4000° F, to 0.005 cm, typical for just- 
recrystallized arc-melted tungsten, increased the ultimate strength 
by 40 pet and the yield strength by 80 pet. 

(It is also apparent from Figure 1 that the ultimate strengths 
of the EB-melted materials were only about 85 pet as high as the ulti- 
mate strengths of arc-melted tungsten at the same grain sizes. It 



2 


was suggested that this difference reflected the differences in purity 
between the two types of materials.) 

The authors pointed out that variations in tensile strength with 
grain size at high temperatures have been observed previously (ref. 2, 
3) , although a complete picture of the mechanism has not yet emerged. 

A mechanism based on strain hardening has been described by McLean 
(ref. 2) who suggests that the increased strength with decreasing 
grain size results from the increased complexity of slip within the 
individual grains. During deformation of a polycrystalline material, 
the individual grains are partially constrained by their neighbors so 
that slip on a given plane can proceed only to the extent that the 
neighboring grains can deform to accommodate the changing grain shape. 
As the limit of deformation in a given direction is approached, the 
resolved stresses within the grain increase and slip begins on other 
planes more favorably oriented with respect to the neighboring 
grains. Decreasing grain size reduces the total strain that can be 
accommodated on the most favorably oriented slip planes, and the 
stress increases more rapidly with total strain in order to activate 
slip on less favorably oriented planes, giving rise to the observed 
increasing strength and strain-hardening rate with decreasing grain 
size. 

A second possible explanation is concerned with the effect of 
grain boundaries on dislocation density. It has been shown (ref. 4) 
that the average dislocation density /o is approximately proportional 
to the first power of strain £ : 

D£ G (3) 

where c is approximately equal to 1. 

The flow stress cr to produce plastic strain is proportional 
to the square root of the dislocation density 

cr = cr o + a./fo~ (4) 

where 

cr o = stress to initiate dislocation motion, psi, 

SL = proportionality constant. 
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By substituting Eq. (3) into Eq. (4) , a parabolic relation between cT 
and £ is obtained: 

a = cr Q + a/D$P (5) 

It is further seen that increasing the dislocation density for a 
given strain, i.e., increasing the proportionality factor D between 
/O and £ , increases the required flow stress for a given strain. 
Since grain boundaries can act as sources for dislocations, an in- 
crease in the grain boundary area per unit volume (reduction in grain 
size) increases the dislocation density and thus the strength. 

For creep, Klopp, et al, analyzed their data to determine the 
best values for a and b In a relation of the type proposed by 
Sherby (ref. 5) : 

e = Ko^ L b (6) 

where 

K = temperature-dependent constant, 
a ,b = temperature-independent constants, 

<f = engineering creep stress. 

Average values of 5.8 were determined for a , the stress factor, 
and 0.43 for b , the grain size factor. The stress factor decreased 
slightly with increasing temperature, but no temperature dependency 
was apparent for the grain-size factor b . The average stress 
factor of 5.8 is close to the value of 6.3 observed by Green (ref. 6) 
for powder-metallurgy tungsten at higher temperatures. 

The grain-size factor of 0.43 is less than the value of 2 pro- 
posed in the review by Sherby (ref. 5) and observed by Feltham and 
Meakin in copper (ref. 7) and Sutherland and Klopp in ' powder-metal- 
lurgy tungsten (ref. 8) . The increase in creep rate (decrease in 
creep strength) with increasing grain size, however, is in qualita- 
tive agreement with these and other recent observations on lead (ref. 
9), and on brass and copper (ref. 8). In contrast, studies on al- 
uminum (ref. 2) and a recent study on copper (ref. 9) showed the 
opposite effect | that is, the coarse-grained materials were stronger. 
Studies on Monel (ref. 12) and an austenitic iron-base alloy (ref. 
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13) have indicated that the creep rate exhibits a minimum at an inter- 
mediate grain size, where the grain size for this minimum creep rate 
increases with increasing temperature. This relation has been inter- 
preted (ref. 13) to result from mobile dislocations being formed at 
intragranular sources at low temperatures and/or high stresses, whilee 
at high temperatures and/or low stresses mobile dislocations are gen- 
erated at grain boundaries. Although the shift in grain size for min- 
imum creep rate from fine to coarse has been reported to occur over 
the range 0.4 to 0.6 T m (ref. 13), no minimum in a plot of creep rate 
vs grain size was observed in the study by Klopp et al, which covered 

the temperature range 0.4 to 0.7 T . 

*** —6 

The calculated stress necessary to give a creep rate of 10 

sec ■*" at 3000°, 3500°, and 4000° F was plotted against grain size in 
Figure 2. The stress during creep was proportional to the -0.074 
power of grain size, as calculated from Eq. (6). This value is 
measurably less than the factor of -0,12 observed for the dependency 
of the short-time ultimate tensile strength on grain size (shown in 
Figure 1) , reflecting the probability that there is a change or modi- 
fication in the rate-controlling reaction. The strength at elevated 
temperatures is considered to be determined from competition between 
strain-hardening and recovery reactions. During tensile testing, 
where the total time is short, strain-hardening may exert the pre- 
dominant influence on strength. During creep testing, however, the 
test times are considerably longer and recovery reactions are con- 
sidered rate controlling. The mechanisms by which decreasing grain 
size is postulated to increase strength are increasing the complexity 
of slip and/or increasing the dislocation density. Since these are 
both associated with strain hardening rather than recovery, the de- 
crease in grain-size dependence may reflect the increasing importance 
of recovery as the rate-controlling reaction at low strain rates. 

It is also apparent from Figure 2 that the creep strengths of 
both arc-melted and EB-melted tungsten are similar when compensated 
for grain size; in contrast, EB-melted tungsten was weaker than arc- 
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melted tungsten of similar grain size in short-time tensile tests. 

This behavior suggests that impurities, perhaps as widely dispersed 
precipitates, can moderately strengthen tungsten during tensile test- 
ing by interfering with slip and increasing the rate of strain harden- 
ing. These impurities, however, are relatively ineffective as strength 
eners during creep, where recovery processes such as cross slip and 
climb allow the dislocations to bypass these obstacles. 
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Fig. I -Yield and ultimate tensile strengths of arc-melted 
tungsten and ultimate tensile strength of electron-beam - 
melted tungsten as a function of grain size. Crosshead 
speed, 0.005 in. per min for yield strength and 0.05 in. 
per min for ultimate strength. 





V - REFRACTORY METAL FIBER-REINFORCED SUPERALLOYS 

The refractory metal alloys might be converted to wire and em- 
bedded in a superalloy matrix that has a superior oxidation resis- 
tance. Figure 1 is illustrative of this concept and uses a model sys- 
tem. A composite material of tungsten wires is shown embedded in a 
copper matrix; the tungsten wires have a strength much greater than 
copper and serve to strengthen copper. Figure 2 (ref. 1) illustrates 
the strengths achieved as a function of volume percent of tungsten 
wire added to the copper. This is for continuous fibers all oriented 
parallel to the load axis. Clearly, the strength of the composite 
increases directly with the volume percent of tungsten added in accord 
with the law of mixtures. 

If, for feach of several temperatures, we were to substitute the 
1000-hour strength density of a superalloy IN100 at the left side of 
the figure and the 1000-hour strength-density of representative high- 
strength refractory metals for the fiber point (at 100 percent) on 
the right side, we may then draw a line between them and have an in- 
dication of the strength of the composite as a function of volume 
percent of refractory metal fiber added to the superalloy matrix. 
Crossplotting for several temperatures provides a set of parameter 
curves from which we can assess the potential for improvement of tem- 
perature capability of Superalloys by strengthening with refractory 
metal fibers. In the fabrication of composites, the goal is to in- 
corporate as much reinforcing fiber as possible, consistent with 
adequate matrix content, to provide a protective oxidation-resistant 
film around each fiber. Very high volume percentages of fibers (>80 
percent) present fabrication problems that also restrict fiber con- 
tent. (At low fiber contents, on the other hand, necessary constraints 
on the matrix may not be present.) Figure 3 shows the improvement over 
the allowable use temperature for IN100 at two volume percentages of 
fiber, 30 and 70. The "allowable" temperature here is defined as the 
temperature at which the material would have a 1000-hour stress-rupture 
to density ratio of 52,500 inches, which for IN100 is about 1800° F 
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(980° C) . A representative high-strength alloy for each of the re- 
fractory metal systems except tungsten (where unalloyed material is 
shown) is used as the fiber in this plot. At 30 volume percent fiber 
improvements of 120° to 290° F (65° to 160° C) might be achieved; at 
70 volume percent fiber, improvements of 250° F to 480° F (140° to 
270° C) might be achieved. At a 1000-hour stress-density ratio of 
70,000 psi, not shown here, similar calculations would suggest that, 
as compared with improvements of 120° F to 480° F (65° to 270° C) 
here, the range would be 75° to 435° F (40° to 240° C) . 

It should be remembered that these are calculated values, not 
experimental, and it is a long, tortuous path from here to success- 
ful composites of superalloys reinforced with refractory metals. A 
most serious problem will be the reaction of the refractory metal 
fiber with the superalloy matrix both during fabrication and in ser- 
vice at high temperature. An example is shown in Figure 4. In Fig- 
ure 2, the strengths of W-Cu composites are shown. These are ideal 
materials for study because there is no reaction between the tungsten 
fiber and the copper matrix. Further studies have been conducted 
(ref. 2) where the copper matrix has been alloyed with other metals 
that will react or are mutually soluble with tungsten. The two 
photomicrographs clearly show the effect of an addition of 10 per~ 
cent Ni to the copper matrix, and the strength data show that the 
tensile strength was reduced from 250,000 to 100,000 psi. In the 
same reference, other matrix additives damaged strength as little as 
10 percent, and some information was provided which indicated that 
for the case where the damage to the fibers was severe, it might be 
minimized by the use of an additional additive. 

From the known reactions and solubilities of nickel and cobalt 
alloy with the refractory metals, compatibility problems will be 
formidible and will almost certainly result in lower strength than 
predicted in Figure 3. There may be some counteracting factors, 
however. Figure 13 shows that, from recent data (ref. 3) , the stress 
rupture strengths of wires are better than comparable bar or sheet. 
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For example, in this figure the 100-hour rupture strength at 2200° F 
(1200° C) of 5-mil wire is 33 percent better than 50-mil sheet; the 
temperature advantage in this range is 135° F (75° C) J 

To date, few data have been available from studies of rein- 
forcement of superalloys with refractory metals or fibers. Figure 5 
shows data for tungsten wire reinforcement of Hastalloy X from Davies 
of Clevite and for tungsten wire reinforcement of another nickel-base 
alloy from Glenny (ref. 4) . 

Additional studies along these lines should prove profitable. 
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